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Abstract
We propose that the ideal fracture energy of a material with mobile bulk impurities can be obtained within the framework of a
Born-Haber thermodynamic cycle. We show that such a deﬁnition has the advantage of initial and ﬁnal states at equilibrium, connected by well-deﬁned and measurable energetic quantities, which can also be calculated from ﬁrst principles. Using this approach,
we calculate the ideal fracture energy of metals (Fe and Al) in the presence of varying amounts of hydrogen, using periodic density
functional theory. We ﬁnd that the metal ideal fracture energy decreases almost linearly with increasing hydrogen coverage, dropping by 45% at one-half monolayer of hydrogen, indicating a substantial reduction of metal crystal cohesion in the presence of
hydrogen atoms and providing some insight into the cohesion-reduction mechanism of hydrogen embrittlement in metals.
 2004 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Metals can absorb hydrogen atoms during manufacture and/or service. These dissolved hydrogen atoms can
greatly aﬀect the mechanical properties of structural
metals, often leading to material failure. In particular,
hydrogen frequently decreases a metalÕs ductility, a phenomenon given the name hydrogen embrittlement (HE).
HE occurs in both polycrystalline and single crystal
samples of pure metals and alloys [1–3]. Various mechanisms have been proposed to explain HE, including hydrogen-induced phase changes to form metal hydrides
[4], hydrogen-enhanced localized plasticity [5–12], and
cohesion reduction [13–16]. Here we focus on quantitatively assessing the latter mechanism. The idea of cohe*
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sion-reduction [17] suggests that segregation of
hydrogen to an incipient fracture zone reduces the local
atomic binding at the crack tip, decreasing the crystalÕs
cohesive energy and inducing embrittlement [18]. A
closely related concept is the reduced surface energy
model [19,20], whereby the lowering of the surface energy by impurities increases the driving force to form two
new surfaces, i.e., to form a crack.
The use of ﬁrst principles techniques to investigate
how impurities aﬀect cohesive properties of materials
was pioneered by Freeman and co-workers [21–23].
Their work was focused on grain boundary cohesion
of iron in the presence of segregated impurities such as
hydrogen, boron, carbon, nitrogen, phosphorus, or
other alloying elements [24–29].
Recent work by Serebrinsky et al. [30] employs a cohesive zone mechanics model of HE, based on the cohesion-reduction mechanism. A cohesive law dependent
on hydrogen concentration is required as input. Such a
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law describes the dependence of forces opposing crack
formation, or tractions (force per unit area), on the incipient crack surfacesÕ separation distance. One key
component of this law is the ideal fracture energy, i.e.,
the energy required to form a crack in the absence of
plastic dissipative processes. The ideal fracture energy
is just the cost to form the two new surfaces, which is
simply twice the surface energy. In this work, we consider
how to calculate the ideal fracture energy for HE from
ﬁrst principles, which is then used as input into higher
length scale models of stress-corrosion cracking that account for plasticity at the continuum level. In order to
avoid double-counting of plastic eﬀects, in fact what
we calculate here, the ideal fracture energy in the absence of plasticity, is exactly what is needed.
While it is straightforward to deﬁne an ideal fracture
energy for a pure material whose composition across the
sample does not change upon fracture [34,35], it is not
obvious how to deﬁne an ideal fracture energy for a
crystal containing mobile impurities that may move to
the surface upon crack formation. Several models have
been proposed to obtain the fracture energy in the presence of impurities. Fig. 1 shows two of those models,
proposed by Lu et al. [31] and Van der Ven and Ceder
[32]. Starting from a layer of hydrogen atoms in the bulk
metal, Lu et al. simulate crystal decohesion by introducing a thick vacuum layer and letting the hydrogen atoms
stay on the surface. The advantage of this model is that
it is straightforward to use density functional theory
(DFT) to directly calculate such a fracture energy (2c)
in one step, while the disadvantage is that the initial
state is not a mechanically stable distribution of hydrogen in the bulk metal. As a result, in the high coverage
regime, the initial states in this model become unstable
due to the repulsion between hydrogen atoms. As we
show below, such a state need not be invoked, because
H in particular is a very mobile impurity, freely diﬀusing
from one interstitial site to another.
Van der Ven and Ceder [32,33] also investigated the
eﬀects of hydrogen impurities on the decohesion of a
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Fig. 1. Models used to calculate the fracture energy (2c) as a function
of H coverage (HH) from DFT: (a) Lu et al.Õs model [31]; (b) Van der
Ven and CederÕs model [32,33].

pair of Al(1 1 1) planes by an equilibrium thermodynamic description. They determined the energy and
grand force potential of the cohesive zone as a function
of lattice plane separation and hydrogen coverage using both ﬁrst principles DFT and a lattice gas model
Hamiltonian.
In the present work, we propose a new way to obtain
ideal fracture energies as a function of mobile impurity
coverage from ﬁrst principles. We apply this scheme to
assess hydrogen-induced decohesion in Fe and Al. The
rest of the paper is laid out as follows. We give calculational details in Section 2, followed by results and discussion in Section 3, and we conclude in Section 4.

2. Calculational details
We performed DFT calculations [36,37] within both
the local density approximation (LDA) and the generalized gradient approximation (GGA) for electron exchange and correlation, using the Vienna Ab Initio
Simulation Package [38,39]. We used both PBE [40]
and RPBE [41] forms of GGA, as explained further below. We employed BlöchlÕs projector augmented wave
(PAW) method [42], as implemented by Kresse and Joubert [43]. The PAW method is an all-electron DFT technique (within the frozen-core approximation) with the
computational eﬃciency of pseudopotential techniques.
We used the standard version of the PAW potentials for
Fe, Al, and H supplied with VASP. We performed spinpolarized calculations for Fe-containing systems and
non-spin-polarized calculations for Al-containing systems. We used a lattice parameter of 2.83 Å for bcc
Fe, as obtained previously [44]. For fcc Al, we obtained
an equilibrium lattice parameter of 4.04 Å (3.99 Å) with
GGA (LDA).
We tested k-point sampling and kinetic energy cutoﬀ convergence for all supercells. As a result of the
convergence tests, we used a kinetic energy cutoﬀ of
350 eV for all calculations, which converged total energies to 2 meV/atom. For bulk Fe supercells, we used
a k-point sampling of 4 · 4 · 4 and 2 · 2 · 2 for Fe54
and Fe128, respectively. For bulk Al supercells, we
used a k-point sampling of 8 · 8 · 8 and 6 · 6 · 6 for
Al32 and Al108, respectively. The ﬁrst-order Methfessel–Paxton method [45] was used for the Fermi-surface
smearing in order to obtain accurate forces, and a
smearing width of 0.1 eV was chosen such that the
error in the extrapolated energy at 0 K is less that
1 meV/atom.
Both cell shape and atomic positions were allowed to
relax for bulk calculations, while only atomic positions
were allowed to change for surface calculations (the
lateral cell parameters are kept to be those of the equilibrium bulk crystal). The force tolerance for structural
relaxation was set to 0.01 eV/Å .
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For modeling surfaces and H adsorption, we used a
10 Å thick vacuum layer and seven layers of metal atoms, with the bottom four layers ﬁxed at their bulk positions for both Fe(1 1 0) and Al(1 1 1). These particular
surfaces were examined, since they are the most stable
and therefore the most likely to form upon cleavage.
H was adsorbed only on one side of the slab; this produces a small dipole due to slight charge transfer from
the metal to the hydrogen, however we did not bother
with a dipole correction to the total energy since it
was very small (<1 meV/cell). For Fe(1 1 0) supercells,
we used converged k-point meshes of 14 · 14 · 1,
7 · 7 · 1, and 4 · 4 · 1 for p(1 · 1), p(2 · 2), and p(3 · 3) surface cells, respectively. For Al(1 1 1) supercells, we used
converged k-point meshes of 16 · 16 · 1, 8 · 8 · 1, and
6 · 6 · 1 for p(1 · 1), p(2 · 2), and p(3 · 3) surface cells, respectively. We allowed the H layer together with the top
three layers of the metal slab to relax. Residual forces on
ﬁxed atoms in the fourth metal layer are <0.01 eV/Å .
The solution enthalpies of hydrogen atoms in bulk
metals and the adsorption energies of hydrogen atoms
on metal surfaces are deﬁned in the same manner:
1
DE ¼ EH–metal  Emetal  EH2 :
2

ð1Þ

Here all energies are referenced to the gaseous hydrogen molecule and the pure metal. We report in Tables 1 and 3 the DE on a per H atom basis. The ﬁrst
term on the right-hand side is the total energy of the
supercell that includes n metal atoms and 1 H atom;
the second term is the total energy of the supercell
that consists of n metal atoms. The ﬁrst two terms
were calculated with the same parameters (k-point
sampling, kinetic energy cut-oﬀ, etc.). The third term
is half the total energy of the hydrogen molecule,
which is calculated by putting H2 in a cubic box with
10 Å sides and carrying out a C-point calculation. Using PBE, we obtained for H2 an equilibrium bond
length of 0.750 Å, a harmonic vibrational frequency
of 4300 cm1, and a binding energy (De) of 4.54 eV,
which are in fair agreement with experimental values
of 0.741 Å, 4395 cm1 and 4.75 eV [46].
For each step we consider, the zero-point energies
(ZPE) for both reactants and products are estimated
by summing up the zero-point vibrational energies of
the normal modes of H, which can be in the metal, on
the metal, or in the form of H2. These normal modes
were obtained by diagonalizing a ﬁnite diﬀerence construction of the Hessian matrix with displacements of
0.01 Å (only allowing H to move), using the PBE exchange-correlation functional. Implicit in this estimation
is the assumption that the phonon spectrum of the metal
does not change enough in any step to warrant its inclusion in the ZPE corrections. Given the small concentration of H and the lack of surface reconstructions in these
metals, this should be a valid assumption.
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3. Results and discussion
We propose here an alternative means to calculate
ideal fracture energies (2c) of materials containing mobile impurities. We illustrate the approach using hydrogen atoms as the mobile impurities. Instead of a direct
fracture process as in Fig. 1, we use a Born-Haber thermodynamic cycle (Fig. 2) to compute 2c as a function of
HH. We envision a scenario where a metal crystal contains mobile hydrogen atoms, which quickly segregate
to the incipient crack surfaces as a crack begins to form.
In this case, the initial state is always that of an equilibrium distribution of hydrogen in the bulk metal and the
ﬁnal state has a given coverage of hydrogen atoms on
each slowly formed crack surface. We can uniquely deﬁne the ideal fracture energy then by connecting these
two states via cleavage of the clean metal and the dissociative adsorption of hydrogen on the clean metal surface, as shown in Fig. 2. In particular, the Born-Haber
cycle proceeds as follows. First, we remove dissolved
H from the metal in step 1 (the reverse of H2(g) dissolution, DHs), so that we can compute the well-deﬁned
cleavage energy of a pure metal crystal in step 2
[2c(0)]. Then the hydrogen is added back via dissociative
adsorption in step 3 (Ead) to arrive at the ﬁnal state.
Use of this thermodynamic cycle to estimate the ideal
fracture energy relies on the validity of three assumptions: (i) the heat of solution of hydrogen in the bulk
metal does not vary much with hydrogen concentration
(see Table 1; variation of only 0.02 eV over 0.9–3.0
and 0.78–1.8 at.% H for Al and Fe, respectively); (ii) hydrogen diﬀuses very fast in bulk metals (we ﬁnd a barrier
of H diﬀusion in, e.g., bcc Fe to be very small, 0.04 eV
[50]); (iii) hydrogen prefers to stay on the metal surface
(we ﬁnd a very small barrier (0.02 eV [50]) for H to diffuse out to, e.g., an Fe surface and it is exothermic to do
so by 1.0 eV [50]). If these assumptions hold, then kinetics will not dominate the phenomenon and we are
free to construct any thermodynamic cycle that is convenient to arrive at the ideal fracture energy. Both our

2 γ (Θ)

Metal
H

-∆ Hs
+ H2

Ead
2 γ (0)

+ H2

Fig. 2. The Born-Haber cycle used to calculate the ideal fracture
energy [2c(HH)] along a certain plane of a single crystal at a hydrogen
atom coverage HH. DHs: solution enthalpy of H2 in the bulk metal.
c(0): surface energy of the pure metal without hydrogen. Ead:
dissociative adsorption energy of H2 to form H(ad) on metal surfaces.
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Table 1
Solution enthalpies (DHs, eV/H atom) of H2 in Al and Fe, with
hydrogen atoms occupying tetrahedral sites in fcc Al and bcc Fe
Cell size

Al32
Al108
Fe54
Fe128

DHs (eV/H)
LDA

GGA–PBE

Expt.

0.45
0.43
–
–

0.71
0.69
0.20
0.19

0.83a, 0.66b

(0.73)
(0.71)
(0.30)
(0.29)

0.30c

Zero-point-energy corrected values are in parentheses.
a
Ref. [47].
b
Ref. [48].
c
Ref. [49].

calculations and available experiments [49,51,52] show
that these assumptions are good for hydrogen in Fe
and Al.
After we obtain the energetics for each of the three
steps, we use Eq. (2) to calculate the ideal fracture energy as a function of hydrogen coverage. We now discuss
the three steps in detail
2cðHH Þ ¼ DH s þ 2cð0Þ þ Ead ðHH Þ:

ð2Þ

We ﬁrst look at the dissolution of H2 in a metal. Ionchanneling experiments [49] and DFT–LDA studies
[31,53] conﬁrm that hydrogen atoms prefer the tetrahedral (t) over the octahedral (o) site in fcc Al. Magnetic
spin precession studies of muons suggested [54] that hydrogen atoms also prefer the t-site in bcc Fe, consistent
with our recent DFT–GGA results [50]. However, DFT
studies by us and others [55] show the t-site and the o-site
are very close in energy and deﬁnitive experimental evidence is lacking about the site preference. Table 1 shows
the H2 solution enthalpies per H atom in Al and Fe, assuming t-site occupancy. Although the LDA describes
bulk Al quite accurately, the GGA is needed to give
H2 solution enthalpies within the range measured by
experiment. This is supported by a recent detailed
DFT–GGA study of H in Al, which yields a H2 solution
enthalpy in Al identical to ours [56]. For Fe, it is well
known that the GGA is necessary for an accurate
description of its bulk properties. In the case of Fe, the
solution enthalpies are in good agreement with experiment when ZPE corrections are included. H2 dissolution
is endothermic for both Al and Fe, with Al 0.40 eV more
endothermic. This ﬁnding for Al agrees with earlier
DFT–LDA results of de Vita and Gillan [53]. By contrast, recent DFT–LDA calculations by Lu et al. [31] proposed that the H impurity is thermodynamically stable in
bulk Al, in disagreement with both experiment [47,48],
earlier theory [53], and our ﬁndings here. The signiﬁcant
endothermicity found for dissolving hydrogen in Al is
consistent with the very low measured solubilities of H
in Al [57].
We now consider the second step, cleavage of the
pure metal to form the most stable surfaces of each metal. We therefore examine formation of Al(1 1 1) and

Fe(1 1 0), which are the closest-packed surfaces of Al
and Fe. As Table 2 indicates, DFT–GGA (with the
PBE exchange-correlation functional) predicts the surface energy of Fe(1 1 0) to be 2.43 J m2, in agreement
with experiment [58]. DFT–GGA(PBE) yields a surface
energy of Al(1 1 1) lower than experiment by 13%.
Considerable uncertainty exists in measured surface energies (usually derived from liquid contact angle measurements); the DFT–GGA(PBE) predictions for the
crystal may be as reliable as the measured values for
the liquid.
The third step in the Born-Haber cycle is the dissociative adsorption of hydrogen on Fe(1 1 0) and Al(1 1 1). In
earlier work, we examined hydrogen adsorption on
Fe(1 1 0), ﬁnding that H atoms prefer the quasi-threefold
site on Fe(1 1 0) at all coverages (0.25–1.0 ML (monolayer)) [60], in agreement with experiment [61]. H atoms
prefer the fcc hollow site on Al(1 1 1), as predicted in previous DFT–LDA and DFT–GGA(PBE) studies [31,62].
While the PBE [40] exchange-correlation functional often performs very well, it is known that it tends to overbind adsorbates to surfaces by 30% compared with
experiment [41]. H/Fe(1 1 0) shows this tendency, as displayed in Table 3. However, this overbinding can be corrected with the RPBE exchange-correlation functional,
as demonstrated by others [41] and our own work [60].
DFT–GGA(RPBE) predicts the dissociative adsorption
energy of H2 on Fe(1 1 0) to be 0.52 eV/H for HH
0.11–0.50 ML, in excellent agreement with experiment
(0.525 ± 0.05 eV [51]). As the coverage decreases from
1 ML, the adsorption energy becomes more negative
(larger energy release), converging at 0.25 ML. Repulsive interactions between adsorbed hydrogen atoms at
1ML reduce the binding energy of H to the surface.
The slight hydridic character of H on Fe(1 1 0) may be
responsible for the lateral repulsion.
Unfortunately, no experimental thermal desorption
data are available for comparison of the adsorption energies for hydrogen on Al(1 1 1), perhaps due to the tendency of atomic hydrogen to etch Al(1 1 1) upon heating
[63]. Instead, alane (aluminum hydride) oligomers have
been observed to form on Al(1 1 1) [64], with thermal desorption of H/Al(1 1 1) producing many gaseous Al–H
species, such as AlH3 and Al2H6 [65]. Moreover, ﬁrst
principles calculations have predicted that chemisorbed
H can cause faceting of Al(1 1 1) [62]. Here we focus only
on H2 adsorption on and absorption in aluminum, and
Table 2
Surface energies of Al(1 1 1) and Fe(1 1 0)
Surface

c(0) (J m2)
LDA

GGA(PBE)

Expt.

Al(1 1 1)
Fe(1 1 0)

0.84
–

1.00
2.43

1.143a, 1.160b
2.41a

a,b

Estimate from experimental liquid surface tension data [58,59].
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Table 3
Adsorption energies (Ead, eV/H atom) of H2 on Al(1 1 1) and Fe(1 1 0), with hydrogen occupying quasi-threefold sites on Fe(1 1 0) and fcc hollow sites
on Al(1 1 1)
HH (ML)
1.0
0.5
0.25
0.111
Expt.

Ead (eV/H): Fe(1 1 0)

Ead (eV/H): Al(1 1 1)

PBE

RPBE

0.63
0.72
0.72
0.71
0.525 ± 0.05a

0.47
0.56
0.55
0.55

(0.41)
(0.52)
(0.51)
(0.52)

LDA

PBE

RPBE

0.04
0.02
0.00
0.02

0.27
0.25
0.23
0.23
–

0.39
0.37
0.35
0.34

(0.37)
(0.36)
(0.34)
(0.33)

Zero-point-energy corrected values are in parentheses.
a
From temperature programmed desorption for HH = 0.22–0.45 ML [51].

not on the desorption process. Comparing LDA, PBE,
and RPBE results in Table 3, we see that PBE reduces
the LDA overbinding of H–Al(1 1 1) by 0.25 eV, while
RPBE reduces the PBE result further by 0.10 eV. If we
believe that RPBE gives reasonable predictions of adsorption energies, as we found for H/Fe(1 1 0), then the
adsorption of hydrogen on Al(1 1 1) starting from H2
and pure Al(1 1 1) is signiﬁcantly endothermic. Again,
as the coverage decreases, the adsorption energy becomes less positive, also indicating some small repulsive
interactions among hydrogen atoms on Al(1 1 1) at
higher coverages.
Now that we have all the energetics needed for the
Born-Haber cycle, we then use Eq. (2) to compute c as
a function of HH. For DHs, we use the ZPE-corrected
DFT–GGA value of 0.29 eV/H and 0.71 eV/H from Table 1 for Fe and Al, respectively. For c(0), we use the
DFT–GGA value of 2.43 J m2 for Fe(1 1 0), but the average experimental value of 1.15 J m2 for Al(1 1 1),
since DFT–GGA may underestimate c(0) for Al(1 1 1)
by 13%. No matter which of these values for Al is used
for c(0), our conclusions remain unaﬀected. For Ead, we
use the ZPE-corrected DFT–GGA–RPBE values from
Table 3. Note that we need to normalize DHs and Ead
with respect to surface area in order to use Eq. (2). (Appendix A illustrates the normalization procedure.)

We show the surface-area normalized Born-Haber
cycle energetics in Table 4. The surface-area normalized
DHs is strictly linear with HH, but the surface-area normalized Ead is not strictly linear with HH due to the repulsion between hydrogen atoms at higher coverages.
The magnitudes of the normalized DHs and Ead increase
with HH because the number of hydrogen atoms per unit
area of surface increases with HH.
The resulting c(HH)/c(0) vs. HH relation is displayed
in Fig. 3 for the H/Fe and H/Al systems. We observe
an almost linear decrease of c(HH) with HH for both
H/Fe and H/Al. At 1.0 ML, c(HH) is 19% and 33% of
c(0) for H/Fe and H/Al, respectively. This dramatic decrease of fracture energy provides a driving force for
HE, since the reduced surface energy (i.e., the increased
stability of the surfaces) as the hydrogen coverage increases means it will be more favorable to form a crack
as the local H-concentration rises.
We know from Eq. (2) that the decrease in the surface
energy comes from the diﬀerence between DHs and Ead,
i.e., the competition between the propensity for H to
stay on the surface versus remaining in the bulk crystal.
For both Fe and Al, hydrogen strongly prefers to stay
on the surface instead of in the bulk. This preference
provides a driving force to decohere metal, thereby causing embrittlement. The linear relationship between

Table 4
Surface-area normalized solution enthalpies (DHs), adsorption energies (Ead), and ideal fracture energies (2c(h) from Eq. (2)) as a function of
hydrogen coverage, HH, for H/Fe and H/Al
System

HH

DHs (J m2)

Ead (J m2)

2c(h) (J m2)

H/Fe

0
0.111
0.25
0.50
1.00

0
0.18
0.41
0.82
1.64

0
0.33
0.72
1.47
2.31

4.86
4.35
3.73
2.57
0.91

H/Al

0
0.111
0.250
0.500
1.00

0
0.36
0.80
1.61
3.22

0
0.17
0.38
0.82
1.68

2.30
2.11
1.88
1.51
0.76

Zero-point-energy corrections are included for all the energetics involving H.
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1.0

havior [3]. This is precisely why intermittent cracking
for H in Fe is observed in continuum modeling of HE
[30].

Al(111)
Fe(110)

0.8

γ(θ)/γ(0)

0.6

4. Conclusions

0.4

0.2

0.0
0.0

0.2

0.4

0.6

0.8

1.0

Θ (ML)
Fig. 3. Decrease in normalized surface energies c(HH) /c(0) for Hcovered Al(1 1 1) and Fe(1 1 0) as hydrogen coverage (HH) increases.

c(HH)/c(0) and HH results from the fact that Ead does
not change much with HH on Fe(1 1 0) or Al(1 1 1) (see
Table 3) and D Hs does not change much with hydrogen
concentration for H in bulk Fe or Al (see Table 1). However, Table 3 reveals that Ead varies less with HH for H/
Al(1 1 1) than for H/Fe(1 1 0), so that the normalized Ead
is more linear with HH for H/Al(1 1 1) than for H/
Fe(1 1 0), thereby producing a more linear relationship
between c(HH)/c(0) and HH for Al than for Fe.
Based on these embrittlement functions, c(HH)/c(0),
one can see why steel is more readily embrittled in the
presence of a hydrogen source compared to aluminum.
Moreover, given the much higher endothermicity for
the dissolution of hydrogen in Al compared to Fe, as
well as the propensity for Al to form aluminum hydrides
upon hydrogen adsorption on its surfaces, it may be that
the more likely mechanism for HE in Al is not cohesion
reduction at all, but rather is either hydrogen-induced
localized plasticity [31,66] or perhaps even more likely,
H-related phase changes to form bulk Al hydrides.
It should be noted that real fracture is very diﬀerent
from the ideal fracture we investigate here. Plasticity,
which dominates the real fracture energy, is not included
in our calculation but is taken into account in continuum level models of HE, which use the coverage-dependent ideal fracture energy from our work as input [30].
In fact, the reason that we calculate the fracture energy
in the absence of plasticity is to avoid double-counting
of plastic eﬀects. Moreover, in our calculation of ideal
fracture energies, we assume a slow cracking process,
but crack growth rates in real fracture [1] can be higher
than the diﬀusion rates of H in metals (this is even so for
fast diﬀusion of H in bcc Fe and more so for the relatively slow diﬀusion of H in fcc Al). Thus, the kinetics of H
segregation to the crack tip or the newly fractured surfaces can govern the cohesion reduction as the crack
propagates, and may cause a time-delayed cracking be-

We propose that the ideal fracture energy (or surface
energy) of a material with mobile impurities can be readily calculated within the framework of a Born-Haber
thermodynamic cycle. We show that such a deﬁnition
utilizes equilibrium states along the path, connected by
well-deﬁned and measurable energetic quantities. Here
we apply this approach to calculate the ideal fracture energy of metals in the presence of hydrogen, using periodic DFT. To calculate the energy change from an
equilibrium distribution of hydrogen atoms in bulk metals to fractured metal surfaces covered with hydrogen
atoms, we divided the process into three steps, each of
which can be straightforwardly calculated with DFT
or measured independently. Here we focused on H in
Fe and Al, providing some insight into the likelihood
of the cohesion-reduction mechanism of HE in these
metals. This model easily can be applied to study the cohesion-reduction mechanism of impurity embrittlement
that may occur in other metals.
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Appendix A. Surface area normalization of the energetics
To show how we normalize the energetics from Tables 1 and 3, we use H/Fe as an example. Suppose we
start with two H atoms in an inﬁnite bulk Fe crystal,
separating to having one H atom on each incipient crack
surface. We wish to normalize by the appropriate area
of the cleavage plane unit cell. For HH = 1 ML, we consider the surface (1 · 1) cell, which has a surface area of
5.68 Å2. So the normalized DHs will simply be
2

DH s ¼ 0:29 eV=H  2 H=5:68 Å ¼ 0:102 eV Å

2

¼ 1:64 J m2 :
And the normalized Ead will be
2

2

Ead ¼ 0:41 eV=H  2 H=5:68 Å ¼ 0:144 eV Å
¼ 2:31 J m2 :
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For HH = 0.50 ML, we consider the surface (2 · 1) cell,
which has a surface area of 5.68 · 2 = 11.36 Å2. In the
same way, we normalize DHs and Ead as follows:
2

2

DH s ¼ 0:29 eV=H  2 H=11:36 Å ¼ 0:051 eV Å
¼ 0:82 J m2 :
2

Ead ¼ 0:52 eV=H  2 H=11:36 Å ¼ 0:092 eV Å

2

¼ 1:47 J m2 :
The normalization for HH = 0.25 and 0.111 ML and
for H/Al is carried out in precisely the same manner.
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